Possible defect structures, arising from the interaction of O 2 molecules with an ideal portion of the SiC/ SiO 2 interface, have been investigated systematically using density functional theory. Based on the calculated total energies and assuming thermal quasiequilibrium during oxidation, the most likely routes leading to complete oxidation have been determined. The defect structures produced along these routes will remain at the interface in significant concentration when stopping the oxidation process. The results obtained for their properties are well supported by experimental findings about the SiC/ SiO 2 interface. It is found that carbon-carbon bonds can explain most of the observed interface states but not the high density near the conduction band of 4H-SiC.
I. INTRODUCTION
The strong bonds in SiC result in high stability, good heat conductivity and a wide band gap ͑high breakdown field͒. This makes SiC very desirable for high power semiconductor applications. Additionally, SiC has SiO 2 as its native oxide, a unique advantage among the wide-gap semiconductors. This great advantage for device manufacturing is, however, still marred by the large density of interface states ͑D it ͒ at the SiC/ SiO 2 interface, which has so far prevented the successful fabrication of metal-oxide-semiconductor ͑MOS͒ devices that meet application demands. ͓D it gives the energy distribution of states in the gap, i.e., D it ͑E͒ is the surface density of states between E and E + dE.͔ As opposed to the Si/ SiO 2 interface, where the D it is nowadays less than 10 10 cm −2 eV −1 , at the SiC/ SiO 2 interface the D it is ϳ10 11 cm −2 eV −1 in the middle of the band gap and ϳ10 13 cm −2 eV −1 or more at the band edges in 4H-SiC ͑the technically relevant polytype with the widest band gap͒. As a consequence, the channel mobility in MOS transistors is much lower than the bulk mobility, and insufficient for 4H-SiC high-power switches.
The measurement of D it ͑E͒ over the whole band gap is not possible using a single experimental technique. A collection of data on MOS structures with n-and p-type channels, can be found in Ref. 1 for 3C ,6H, and 4H polytypes, based on admittance spectroscopy ͑AS͒ and deep level transient spectroscopy ͑DLTS͒. The curve for 4H-SiC is schematically reproduced in Fig. 1 . It shows a continuous distribution of states rising towards the band edges with various structures ͑D 1 Ϸ E V + 0.3 eV, D 2 Ϸ E V + 0.8 eV, D 3 Ϸ E V + 1.8 eV, and D 4 Ϸ E V + 2.7 eV͒ superimposed. The sensitivity of both methods is dependent on the energy relative to the band edges but the dependences are different. Therefore, the position of these structures ͑or even the existence of peaks͒ should be regarded with caution. Still, D 2 and D 4 in the D it from DLTS in Ref. 1 can also be observed in the D it obtained from capacitance-voltage ͑CV͒ measurements, 2 at about the same energy. X-ray photoelectron spectroscopy ͑XPS͒ studies on MOS structures under bias revealed a peak of states coinciding with D 3 in 6H-SiC. 3 The high density of interface states near the conduction band was found to be connected to traps with slower response times. 4 These states were also investigated 5 by photon stimulated tunneling ͑PST͒, locating a peak at E C − 0.1 eV. A peak in this range was also found 6 by CV and by TSC ͑thermally stimulated current͒ measurements. 7, 8 In the latter study, a second set of slow states were also found, with an energy coincident with D 4 . The nature of the individual parts of the D it is also not established. The high density of states near the conduction band appear to be electron traps ͑acceptorlike͒ while the rest of the states appear to be hole traps ͑donorlike͒. It is generally assumed, that the oxidation process generates SiO 2 and emits CO, and that the latter can react to form graphitic carbon clusters at or close to the interface. It has been proposed, 9 ,10 that such carbon clusters at the interface cause the fast portion of the D it , while the slow portion is assumed to originate from intrinsic defects, so-called near interface traps ͑NITs͒, in the oxide layer.
Unlike the Si/ SiO 2 system, the interface between silicon carbide and its oxide is not chemically abrupt. It is easy to understand, that the removal of carbon, by whatever process, will not be immediately complete. X-ray photoelectron spectroscopy measurements show the presence of a Si 4 C 4−x O 2 ; x ഛ 2 transition layer of several nm in thickness. [11] [12] [13] The nature of this transition layer, i.e., its actual atomistic structure, is not yet well understood, but an enhanced carbon concentration could clearly be established. 3, 14 Many authors suggest the presence of graphitic or sp 2 -bonded carbon islands at the interface. 1, 15, 16 The observation of "platelet-shaped inhomogeneities" with lateral dimensions of 30-80 nm and thicknesses of 3-4 nm by atomic force microscopy ͑AFM͒ on the SiC side of the interface after etching off the oxide layer, 16 and the detection of increased carbon concentrations at the interface in areas of similar size by electron energy loss spectroscopy ͑EELS͒ 17 have been presented as the main evidence for the presence of such islands.
Comparisons of results obtained at SiC/ SiO 2 interfaces and a-C:H films deposited on SiO 2 , 1 led to the conclusion, that the bands of -bonded carbon clusters are responsible for the continuously rising "background" states in the D it , while discrete structures are caused by C-C -bonds. Earlier XPS observations of "vC v Cv units bonded to vSi-OSiv of siloxene type bonds" 11 have been cited to support this suggestion. XPS measurements on MOS structures under bias 3 in 6H-SiC ͑Ref. 56͒ could directly correlate this part of the C1s spectrum to a peak at E V + 1.8 eV, coinciding with D 3 .
The existence of Si-O-C bonds and "A-center-like defects" ͑i.e., carbon replaced by oxygen in the cage of four silicon atoms͒ could be inferred from XPS measurements 12 and positron annihilation spectroscopy ͑PAS͒ 18 experiments, respectively. Graphite at the interface could not yet be observed by XPS. 11, 13 ͑Note though, that the sensitivity limit of XPS is 0.1 monolayers. If every carbon atom from an alleged graphitic carbon island would contribute one state to the D it , a graphite concentration of ϳ0.01 monolayers would suffice to generate a D it of 10 13 cm −2 eV −1 .͒ Very recently, in surface enhanced Raman ͑SER͒ measurements, 19 a carbon related peak was observed on the C face of oxidized SiC, after etching of the oxide and sputter-deposition of a metal ͑Ag or Au͒ layer. After deconvolution, this peak has been assigned to stretching mode vibrations of a primarily two-dimensional ideal graphite ͑G peak͒ with some contribution from disordered or defective graphite ͑D peak͒, and polyenes. The size of the structures was estimated to be ഛ2 nm. A similar, broad "G peak" was also found on the Si face, with an intensity less by almost an order of magnitude, but no D peak. Considering the higher D it on the C face with respect to the Si face prior to postoxidation anneals, the authors suggest these graphitic "flakes," giving rise to the "G peak," to be the cause of the difference. It should be noted that, considering the vanishing "D peak" ͑defective or disordered graphite͒ for a carbon aggregation with graphitic feature sizes below 2 nm, makes the assignment of the "G peak" to ideal graphite planes problematic, because in such cases the D peak should be even higher than the G peak. 20 The fact, that hydrogen annealing does not substantially lower the D it is strong evidence, that the interface states do not primarily originate from silicon dangling bonds. 9, 10 The presence of C dangling bonds, however, has been proven by electron paramagnetic resonance ͑EPR͒. 21, 22 Theoretical modeling of the interface between crystalline SiC and vitreous SiO 2 is very difficult. Defects of the interface have so far only been considered either in the SiC ͑Ref. 23͒ or in the SiO 2 phase. 15 Therefore, the origin of the D it at the 4H-SiC/ SiO 2 interface is so far not well understood and only limited information about the atomistic structure of the interface exists.
Nitridation techniques ͑either oxidation in NO or postoxidation thermal annealing in N 2 O͒ have been used with considerable success for some time now, to improve the interface quality. 2, 7, 8, [24] [25] [26] [27] However, the reasons for these improvements have not yet been well understood either, and are subject to controversial discussions in the literature. This is partly due to the fact that the mechanism of the dry oxidation of SiC is still unclear. Understanding the dry oxidation process is a vital step towards an understanding of the processes, which lead to the improvements of the D it achieved by nitridation.
In this work, we will examine the chemical reactions which could take place during the dry oxidation of 4H-SiC, in order to identify the dominant interface defects generated during this process. We will relate the calculated properties of the dominant interface defects to the available experimental data in order to gain information about the atomistic structure of the interface, and the origin of the different D it features. Preliminary results on the oxidation route, leading to stochiometrically perfect oxide, have been presented at the ICDS-22 conference. 28 Some of those data have been corrected and the investigations were extended to carbon incorporation at the interface via multiple carbon defects.
II. METHODS

A. Modeling the reactions
The initial oxidation of the clean SiC surface is not investigated here, it is rather assumed, that an oxide layer has already formed. The basis for modeling the reaction sequences of the dry oxidation process is a model of a defectfree portion of the SiC/ SiO 2 interface. We employ a twodimensional ͑2D͒ periodic supercell ͑"slab"͒, containing four ͑0001͒ double-layers of 4H-SiC and two SiO 2 layers, fitted to the Si terminated surface of the SiC part in such a way that the SiC surface is terminated without defects or dangling bonds ͑cf. Fig. 2͒ . The dangling bonds on the C-terminated surface are saturated with H atoms, while those on the SiO 2 surface with O and H atoms. The 2D supercell consists of 4 ϫ 4 surface primitive cells, i.e., 128 atoms in the SiC and 48 atoms in the SiO 2 parts, as well as 28 terminators, altogether 204 atoms. Considering the size of the cell, the ⌫-point approximation is used. ͑The calculated band gap agrees well with that obtained for bulk 4H-SiC.͒ Based on this model, possible interactions between the initially defect-free interface and sequentially arriving O 2 molecules are considered. ͑Recent theroetical work 29 has proved that, in accordance with the Deal-Grove model, the dominating diffusion species in the oxide during dry oxidation is the O 2 molecule.͒ Following Ref. 15 , only the energies of stable states will be calculated. Since the oxidation of SiC is a very slow process even at the usually applied high temperature of ϳ1200°C, thermal quasiequilibrium can be assumed. From this follows that the relative occurrence of alternative reactions will be determined by the reaction energies. The predominant interface defects can be identified by finding the most likely reaction paths leading to the oxidation of the silicon carbide. Obviously, this approach is not sufficient to establish the kinetics of the oxidation. Also, our modeling efforts do not account for global stress-induced effects. In general, our approach is aimed only at establishing the main routes of oxidation and the characteristic interface defects. A large number of defect configurations, which could arise from the simultaneous interaction of two oxygen atoms with the interface, was investigated, also allowing for C or CO removal by out diffusion through the oxide. For the energies of the CO and O 2 molecules, the energies of the free molecules were chosen, since they can diffuse fast through SiO 2 . 30, 31 In addition to the interface model described above, a 243-atom 3 ϫ 3 ϫ 3 supercell of ␣-quartz ͑in the ⌫-point approximation͒ was used to model defects in the oxide layer, further away from the interface, for the purpose of calculating the energies of reactions leading to C or Si emission into the oxide or for correction purposes ͑cf. Sec. II B͒. Also for correction purposes, a 64-atom SiC supercell ͑with a 2 3 MP k-point set 32 ͒ was applied. The reaction energies are calculated by summing the total energies of the reaction products and subtracting the total energies of the educts.
B. Calculation procedure
SiC ͑as well as SiO 2 ͒ is a wide band gap material, therefore the typical gap error in standard implementations of density functional theory-which also influences the relative energies of defects through incorrect level positions in the gap-can be significant. In order to avoid the consequences in comparing different reactions, the total energy must be corrected. Because of the large models employed in this work, an efficient scheme for calculations is necessary to save computer time. Therefore, a three-step procedure for geometry optimization and electronic structure calculation was employed.
In the first step, the initial geometries were optimized using the very efficient self-consistent charge, density functional based, tight-binding ͑SCC-DFTB͒ method 33 as implemented in the DYLAX package. A set of Slater-Koster files, tested for the Si-O-C system, 30 was employed. The geometry optimizations were performed using a conjugate gradient ͑CG͒ algorithm, until the interatomic forces fell below 10 −4 a.u.͑ϳ0.016 eV/ Å͒. In our experience, this method produces final geometries that are in accord with full DFT calculations. Additionally, this method does reproduce the energetic order of different metastable configurations of similar defects quite well. Because of this and the high speed of the DFTB method it is possible, to test many different competing configurations and select the most stable variants for further investigation.
In the second step, the DFTB output geometry was refined by CG relaxation based on first-principles density functional theory ͑DFT͒ calculations in the local density approximation ͑LDA͒ using the SIESTA ͑Ref. 34͒ code. These calculations were performed using a matrix diagonalization solver for the Kohn-Sham equations ͑i.e., not the order-N option of SI-ESTA͒. For this work, pseudopotentials in the TroullierMartins formulation 35 with core radii of r C = 1.14, r O = 1.25 and r Si = 1.89 Bohr were selected. Numerical atomic orbitals corresponding to a "double-" valence basis with polarization functions were used. The Ceperley-Alder 36 exchangecorrelation functional in the Perdew-Zunger parametrization 37 was employed. Experience shows, that the number of CG steps required to reach the relaxed geometry can be reduced considerably by the DFTB prerelaxation. The relaxation was performed until the interatomic forces were below 0.016 eV/ Å. Test calculations on defects in bulk SiC ͑Ref. 38͒ and Si ͑Ref. 39͒ have shown, that the SIESTA final geometries obtained with these parameters are in good agreement with well-converged plane-wave LDA calculations.
In the last step, approximate corrections for the LDA gap error were made. The interface defects considered here can be classified according to their nearest-neighbor environments as "SiC" or "SiO 2 -defects." In each case, an analogous defect was placed into a bulk SiC or SiO 2 supercell. An LDA and a hybrid functional 40, 41 calculation was then carried out for the bulk defect. ͑The geometry obtained by LDA was held fixed during the hybrid functional calculation.͒ The total energy of the LDA calculation at the interface was then corrected by the difference in the positions of occupied defect levels relative to the VB edge, between the hybrid functional and the LDA values in the bulk. The corrected total energies were then used to calculate the reaction energies. ͑All energy values cited in this paper are corrected.͒ It has been shown that hybrid functionals can reproduce the band gaps of solids consistently well. 42, 43 Following the suggestion of Becke, 44 a one-parameter hybrid functional was used in this work.
For the hybrid functional calculations in bulk SiC and ␣-quartz, the CRYSTAL ͑Ref. 45͒ code was used with normconserving Durand-Barthelat 46 pseudopotentials and a 21G * valence basis 47 optimized for these pseudopotentials. Like in SIESTA, the Ceperley-Alder exchange-correlation functional in the Perdew-Zunger parametrization was used, with the exchange part mixed with exact exchange following the equation
For ␣-quartz we have used = 0.28, as suggested by Becke.
44
Earlier work on SiC has shown that the value = 0.20 reproduces the band gap of different polytypes very well, 38 so in the case of SiC this value was used. 57,55
III. IMPORTANT INTERFACE DEFECTS
We have studied the possible reactions of an O 2 molecule with the interface in a systematic way, investigating: ͑i͒ reactions without the emission of host atoms, ͑ii͒ reactions in which an emitted host C atom leaves the interface in form of a CO molecule, and ͑iii͒ reactions with C or Si emission, considering both incorporation of these at the interface and their emission into the oxide. Then we have also considered interaction and complex formation of C atoms incorporated at the interface.
In each case, we have calculated many different configurations of the possible resulting defects, guided by chemical intuition and experience with defects in semiconductors. 58 Most of the defects we have found here, are known from the bulk material. We have, however, also come across several defect configurations that are specific to the interface. Here we describe the most important of these.
Interstitial oxygen at the interface-O i if : In contrast to the situation in bulk SiC, where oxygen has been shown to prefer the carbon substitutional site, 48 at the SiC/ SiO 2 interface an interstitial configuration, where the oxygen buckles out of the SiC side into the oxide phase ͓Fig. 3͑a͔͒, is preferred. The O i if is essentially a C-O-Si bridge and it is electrically inactive.
Carbon vacancy at the interface, saturated by two oxygen atoms-V C O 2 :
The carbon vacancy at the interface can accommodate two oxygen atoms ͓Fig. 3͑b͔͒, but only one of them is sitting in the cage of the four Si neighbors, binding to two of them. The other oxygen buckles out toward the oxide phase. Therefore, from the viewpoint of positron annihilation spectroscopy ͑PAS͒, it resembles the A center ͑VO defect͒ in silicon. 49, 50 This defect is also electrically inactive. It should be pointed out, that the V C O 2 complex is stochiometrically equivalent to one SiO 2 unit. However, the specific volume of Si in V C O 2 is the same as in SiC, which is only about half the value in SiO 2 . Therefore, extensive structural rearrangement of the newly formed oxide must take place. It is outside the scope of this work, to consider these processes, which finally lead to the vitreous structure of the oxide layer.
Carbon interstitial sharing a lattice carbon site at the interface-͑C-C i ͒ C : ͑At the interface, the two C atoms of the split pair are no longer equivalent. The notation has been chosen to make equations of reaction easier to follow.͒ The carbon split interstitial, shown in Fig. 3͑c͒ , is composed of two sp 2 hybridized carbon atoms. However, the planes of their sp 2 orbitals are nearly perpendicular, which results in a single bond between them. From this follows that two, originally half-filled, p orbitals remain. The nearby interface causes these to be no longer equivalent, so that one p orbital is filled, while the other is empty. ͑However, this singlet state is only 0.25 eV lower in energy than a triplet one, with both p orbitals half-filled.͒ ͑C-C i ͒ C is electrically active, the levels of the p states are at E V + 1.4 eV and E V + 1.9 eV. We have found that ͑C-C i ͒ C defects are created simultaneously with V C O 2 , as interstitial carbon is ejected upon capture of an O 2 molecule. The complex, V C O 2 + ͑C-C i ͒ C , as shown in Fig. 3͑d͒ , is energetically favorable. In this complex the gap levels are shifted to E V + 1.0 eV and E V + 1.8 eV, respectively.
Pair of carbon interstitials-͑C i ͒ 2 ͑Fig. 4͒: Two interstitial carbon atoms may form a doubly bonded dimer ͑with C atoms in puckered bond-center position͒. This is a very stable and inert defect, having an occupied gap state at E V + 0.43 eV but no unoccupied state in the 4H-SiC band gap. The occupied state shifts between E V + 0.37 eV and E V + 0.51 eV, depending on the number n = 0,1,2, of nearby V C O 2 units.
IV. THE DRY OXIDATION PROCESS
The dry oxidation process of SiC was modeled by investigating the possible reactions of O 2 molecules arriving sequentially at the interface. The calculated reaction energies for the possible oxidation sequences are shown in Fig. 5 . As can be seen, from the many possibilities, two reaction paths emerge as energetically dominant. These ͑marked by thick lines-in color red and green-in Fig. 5͒ will determine which defects will be most abundant during the dry oxidation of SiC.
The simplest interaction between the defect-free SiC/ SiO 2 interface and an arriving O 2 molecule is the incorporation of both oxygens in the form of two neighboring interstitials,
We have found that this reaction is exothermic, yielding 2.0 eV. Of course, this process could be repeated for consecutive O 2 molecules, but this would not lead to an oxidation of SiC, only to the saturation of the interface with interstitial oxygen. ͑Interstitial oxygen is unstable in the bulk.͒ Actually, continuing O i incorporation will be hindered by the increasing stress at the interface. Figure 5 shows that it is slightly more favorable to form a V C O 2 unit, by ejecting a C atom into an interstitial position, thus forming a V C O 2 + ͑C-C i ͒ C complex,
All other possible reactions examined are significantly less favorable. Upon arrival of a second O 2 molecule, the energetically most favorable configuration, starting either from 2͑O i if ͒ or from V C O 2 + ͑C-C i ͒ C is an O i if +V C O 2 complex. In both cases the reaction is accompanied by CO emission. In the former the reaction is
and in the latter 
Both these reactions are exothermic, yielding 5.3 eV and 5.5 eV, respectively. A third O 2 molecule can then remove a second carbon atom by emitting a CO molecule to form a second V C O 2 unit, thus finishing a stochiometrically complete oxidation cycle,
with an energy gain of 4.9 eV. The three-step process of oxidation
yields a total of 12.4 eV. The two branches of oxidation described above lead to a chemically perfect oxide and, based on their energetic dominance, can be regarded as the "normal" route of oxidation ͑with topological rearrangement following͒. It must be kept in mind, however, that in the course of this process O i if defects ͑Si-O-C bridges͒ and ͓V C O 2 + ͑C-C i ͒ C ͔ defects are created temporarily but continuously. When stopping the oxidation process at any time, O i if and ͓V C O 2 + ͑C-C i ͒ C ͔ will remain at the interface in significant concentrations. This explains the observed carbon excess at the interface 3, 17 as well as the observed presence of Si-O-C bridges. 11, 12 In fact, the end results of these reaction routes ͑prior to topological rearrangement͒, the A-center-like V C O 2 defects, are in line with the PAS observations. 18 Looking at Fig. 5 and starting with the reaction leading to V C O 2 + ͑C-C i ͒ C , a route for permanent carbon incorporation could be considered. As shown in the figure, the reaction
leads to an energy gain of 2.9 eV. The result is the very stable and chemically inert dimer, described in the preceding section. Although the energy gain is significant, comparing it to the energy of the alternative reaction ͑5.3 eV͒ indicates that the equilibrium concentration ratio between 2͑V C O 2 ͒ + ͑C 2 ͒ i and O i if +V C O 2 would be rather small even at the temperatures of oxidation. However, it must be taken into account, that interstitial carbon is mobile at 1200°C, as shown in Ref. 51 . Since the disproportionation reactions
are exothermic by 0.3 eV and 1.0 eV, respectively, it may be expected after all, that ͓V C O 2 + ͑C i ͒ 2 ͔ and ͑C i ͒ 2 defects will occur in significant quantities. Therefore, alternative to the normal route of oxidation ͓where ͑C-C i ͒ defects are only temporarily created͔, carbon incorporation by the formation of ͑C i ͒ 2 dimers can be expected. It should also be investigated, whether upon arrival of an O 2 molecule, the emission of C i into the oxide ͑i.e., V C O 2 in the carbide phase and C i in the oxide phase͒ is preferred over V C O 2 + ͑C-C i ͒ C on the carbide side. As is shown on the lefthand side of Fig. 5 such a reaction is endothermic by 0.9 eV. ͑Note the sign change with respect to Ref. 28 , where it was incorrect.͒ It must be pointed out, however, that our calcula- FIG. 5 . ͑Color online͒ The SiC dry oxidation reaction scheme. Positive energies indicate exother-mic reactions between initial defects of the interface ͑rectangular frames͒ and incoming O 2 molecules ͑round frames͒ at the beginning of the arrows. The resulting defects ͑and possible CO molecules͒ are at the end of the arrow͑s͒ near which the reaction energy is shown. ͓Equations ͑2͒-͑8͒ were extracted this way from the figure.͔ The dominant reaction paths are marked by thick lines ͑green and red͒.
tions on the emission of atoms into the oxide have somewhat higher uncertainty than the interface reaction energies.
Similarly, the results for the emission of a silicon interstitial into the oxide ͑far left in Fig. 5͒ has a higher uncertainty. The emitted carbon interstitial could form a split interstitial on a silicon site. The calculated reaction energy, 1.0 eV, is an underestimation because of the large relaxation we find in the oxide phase ͑which is relatively thin in the model͒. The next oxidation step, producing a carbon pair on the Si site in the carbide and a Si interstitial in the oxide, also releases a relatively small amount of energy. However, in addition to the solely energetic arguments presented above, one must also consider the specific volumes of Si in SiC and SiO 2 , which is larger in SiO 2 by a factor of ϳ2. Therefore, during the structural rearrangements leading to the vitreous structure of the SiO 2 parts ͑as mentioned in Sec. III͒, Si interstitials must be emitted from the interface into the oxide layer, similar to the oxidation process of Si.
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V. CORRELATIONS BETWEEN INTERFACE DEFECTS AND THE D it
Based on the picture emerging from our investigations regarding the reaction routes, we can examine the electronic structure of the interface. As explained above, the oxidation proceeds by producing temporarily O i if ,V C O 2 + ͑C−C i ͒ C , and V C O 2 defects as well as ͑C i ͒ 2 pairs with varying environments. Only the carbon defects are electrically active.
Let us recall that the ͑C-C i ͒ C defect has two sp 2 -hybridized C atoms sharing a carbon site, with a single bond between them and a pair of nearly orthogonal p orbitals at E V + 1.4 eV and at E V + 1.9 eV. When this defect is in the direct vicinity of a V C O 2 unit, these p states are shifted to E V + 1.0 eV and E V + 1.8 eV, respectively. Depending on the number n of V C O 2 defects in the neighborhood, the interstitial carbon dimers ͑C i ͒ 2 at the interface show a doubly occupied state between 0.37 eV and 0.51 eV and no unoccupied state in the gap. 59 Comparison of these features with the experimentally observed D it of Fig. 1 is shown in Fig. 6 . The environment dependent energies of the p states of the singly bonded ͑C-C i ͒ C and the bonds of the doubly bonded ͑C i ͒ 2 defects roughly coincide with the measured structures in the D it . Considering the experimental evidence about carbon excess at the surface, its most likely form is short -bonded chains or possibly a few aromatic rings ͑cf. the discussion about the SER results in the Introduction͒. The donorlike states introduced by the ͑C i ͒ 2 defect are characteristic to such type of carbon clusters and their calculated position explains the interface state density near the valence band. ͓In fact, the calculated range of individual ͑C i ͒ 2 states seems to fit the structure D 1 quite well.͔ The pair of p-states of the singly bonded ͑C-C i ͒ i defects lie closer to midgap, and may well be the origin of the Structures D 2 and D 3 , predicting amphoteric behavior for them. By any means, ͑C-C i ͒ C is the defect, the concentration of which might be modified by reoxidation. In contrast, the very stable ͑C i ͒ 2 dimers will possibly grow into the oxide. From our results it appears that neither of the possible bonds between sp 2 carbon will cause acceptor states in the upper half of the band gap of 4H-SiC. This finding lends support to the assignment of the states in this range to defects in the oxide, instead of carbon defects at the interface. This should be true not only for the "original" NITs, as proposed in Refs. 5, 9, 10, and 27, but also for the second set of NITs, 7 coinciding with the structure D 4 in the observed D it . Despite all our efforts, we were not able to construct larger, stable, electrically active clusters of carbon interstitials. This may be a shortcoming of the too small simulation cell, but it should be noted, that the ͑C i ͒ 2 dimers are extremely stable and chemically inert, because of their double bond. Aggregation of such dimers is, however, possible. 53 The inevitable topological rearrangement from V C O 2 defects of the interface to the vitreous structure of the newly formed silica parts, accompanied by Si emission may lead to the formation of small graphitic structures. In our model, larger clusters of carbon could only be formed at carbon antisites ͑C Si ͒ which should be abundant, even in as-grown SiC. Figure 7 shows two such clusters, based on the bulk ͑C 3 ͒ Si defect proposed in Ref. 54 . The occupied levels corresponding to the C v C double bonds are shifted towards ͓in the case of Fig. 7͑a͔͒ and into ͓in the case of Fig. 7͑b͔͒ the valence band. No acceptor levels appear below the conduction band. Although, the planar hexagon of C atoms in the structure shown in Fig. 7͑b͒ could be a seed for the formation of graphite platelets, our calculations in the present, limited-size model cannot confirm the presence of graphitic bands as an explanation for the background increasing continuously toward the band edges in the D it . Still, the defects shown in Fig. 7 can contribute to the high interface state density near the VB.
VI. CONCLUSIONS
We have investigated the possible defects of the SiC/ SiO 2 interface by means of density functional calculations. Using the calculated total energy of stable defect configurations ͑with respect to incoming O 2 and out-diffusing CO molecules͒, and assuming thermal quasiequilibrium during oxidation, we could establish energetically favorable reaction routes, leading to a complete oxidation cycle in three steps. Along this route, electrically inactive Si-O-C bridges and A-center-like carbon vacancy-oxygen defects, as well as active interstitial carbon atoms are created-temporarily but continuously. Stopping the oxidation at any time, a high concentration of such defects will remain at the interface. The former two defects have, indeed, been observed by XPS and PAS. The interstitial sp 2 carbon atoms form split pairs with lattice C atoms at the interface ͑forming a single C-C bond͒, and give rise to a pair of amphoteric deep states in the range of distinct features in the observed D it spectrum. Carbon can be incorporated at the interface in form of doubly bonded interstitial dimers, which cause a band of donor states near the valence band. The predicted range of the levels of such individual defects coincides with a shoulder in the observed D it . Larger carbon clusters ͑including antisites͒ investigated in this work, introduce only occupied states near the VB edge. No carbon related unoccupied states have been found near the CB edge.
Our results imply that, beside CO molecules, also carbon interstitials and stable carbon pairs can grow into the oxide, with a concentration decreasing away from the interface. These defects, in addition to Si interstitials ͑necessarily emitted into the near-interface region due to topological reasons͒, may be sources of near interface traps. Calculations regarding defects in the oxide will be published separately.
Considering our results, the well known beneficial effect of nitrogen on the interface states might be explained by the differences in the oxidation reactions in the case of oxidation in presence of nitrogen, or by additional reactions between nitrogen and the defects found here, in case of post-oxidation nitrogen annealing. Work in this direction is in progress.
